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Abstract: Owing to the addition of Si, 0.33C-1.8Si-1.44Mn-0.58Cr steel exhibits a unique tempering

behavior. The tempering takes place in two distinct sequential stages that are significantly different

from those in steels containing 0.2–0.5 wt.% of Si. Stage I is associated with the precipitation of

transition carbides in a paraequilibrium manner, can take place in temperatures ranging from ~200

to ~474 ◦C, and concurrently increases strength, ductility, and toughness. Stage II is associated

with the decomposition of retained austenite to bainitic ferrite and transition carbides. As a result,

no significant effect of overlapping of Stage I with Stage II takes place. Stage III does not occur

at temperatures below ~474 ◦C, since the precipitation of cementite in a orthoequilibrium manner

is suppressed by the addition of 1.8 wt.% of Si. It was shown that a major portion of carbon

atoms redistributes to Cottrell atmospheres under quenching. During low-temperature tempering at

200–400 ◦C, the precipitation of transition carbides consumes a large portion of carbon atoms, thereby

increasing the number of ductile fractures and improving the impact toughness without strength

degradation. The formation of chains of cementite particles on boundaries takes place in Stage IV at a

tempering temperature of 500 ◦C. This process results in the full depletion of excess carbon from a

ferritic matrix that provides increased ductility and toughness but decreased strength.

Keywords: quenching and tempering; martensite; low-alloy steel; mechanical properties; microstructure;

phase transformation; carbides

1. Introduction

Low- and medium-carbon steels exhibit useful mechanical properties after quenching,
followed by tempering [1,2]. Quenching produces martensite, which is highly supersat-
urated with carbon and other alloying elements, with a low volume fraction of retained
austenite (RA) exhibiting a film-like or blocky shape [1–5]. As a result, these as-quenched
steels are strong but often notably brittle [1,2,4]. Tempering leads to the decomposition
of martensite and RA, thereby increasing ductility and toughness [1,2,4]. Strength typ-
ically decreases with increasing tempering temperature [1,2,4,5]. The decomposition of
martensite and RA leads to the precipitation of various dispersed carbides [1–3]. Four
tempering stages are usually distinguished based on isochronal tempering tests [1,2,5]. At a
temperature interval of 100–250 ◦C, the η(Fe2C)- or ε(Fe2.4C)-transition carbides precipitate
from martensite, and this process is associated with Stage I of the tempering process. Stage
II involves the decomposition of RA into ferrite and cementite precipitated on boundaries
of a martensite lath structure. Stage II occurs at temperatures from 200 to 300 ◦C. The
precipitation of lath-like cementite takes place in Stage III, which takes place at tempera-
tures from 200 to 350 ◦C. The cementite particles are mainly precipitated in the martensitic
matrix, but twin boundaries and boundaries of packets and prior austenite grains (PAG)
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may also serve as nucleation sites for cementite [2]. These three stages overlap, and the
precipitation of thermodynamically balanced cementite eventually leads to the dissolution
of metastable transition carbides in accordance with the Gibbs–Thomson effect [3]. In
addition, the precipitation of cementite leads to the full depletion of carbon from marten-
site, and a microstructure consisting of cementite and ferrite is formed [1–5]. Stage IV
involves coarsening cementite at temperatures of 300–400 ◦C, followed by spheroidization
at temperatures ranging from 400 to 600 ◦C [2,3]. The spheroidization of cementite is
accompanied by the recovery of a martensite lath structure at T ≥ 500 ◦C, which leads to
the formation of a tempered martensite lath structure (TMLS) [1–3]. It is worth noting that
cementite particles with a nearly round shape comprise the chains along the boundaries in
the TMLS.

The attractive combination of high strength, satisfactory ductility, and fracture tough-
ness can be achieved by applying low-temperature tempering in medium-carbon, low-
alloy steels [6–8]. As a modified version of AISI4340 steel (Fe–0.4C–0.7Mn–0.28Si–0.8Cr–
1.8Ni–0.25Mo (wt.%)) with the addition of ~1.5 wt.% Si, 300M steel is widely used after
low-temperature tempering (~305 ◦C) as an ultra-high-strength steel (UHSS) for critical
components in the aviation industry [6–9]. Despite more than sixty years of successful
commercial use, the microstructural design of this steel is poorly known [8]. It has been
assumed [10] that a high Si content slows tempering, so that tempered martensite embrittle-
ment associated with the formation of coarse cementite in the martensitic matrix is shifted
to higher tempering temperatures, and the 300M steel can be tempered without embrittle-
ment, which allows one to obtain a great yield stress (YS) in excess of 1570 MPa [1,2,8,9].
The partitioning of other substitutional elements, such as Mn and Cr, may also influence
the diffusion-controlled phase transformation in Fe-C-X alloys [11].

Typical for recently developed quenching and partitioning (Q&P) steels, 300M steel
exhibits a lath martensite structure with film-like RA [12,13]. The tempering behavior
of 300M steel and its derivatives is a subject of discussion [6,8,9,14]. Low-temperature
tempering leads to carbon partitioning from martensite to RA, which may facilitate the
high strength of this steel [8,13,15]. However, interlath cementite evolves in this steel from
the decomposition of the interlath RA during low-temperature tempering. The overlap
between Stage I and Stage II may take place in Si-rich 300M steel in the same manner as
in low-Si AISI 4340/4140 steels [5,8,15–18]. However, it is known [10,12,13,19–21] that
alloying the steel with ≥1.5 wt.% Si suppresses the formation of cementite at temperatures
below 400 ◦C. The solubility of Si in cementite is practically zero, and cementite can form
if diffusion permits the redistribution of Si from cementite, followed by the depletion of
Si from a 1 to 2 nm area of the ferritic matrix around the cementite, acting as a barrier for
the redistribution of carbon from the diffused matrix to the growing particle [10,19–22].
The precipitation of cementite in martensite during low-temperature tempering can be
suppressed by alloying with Si [1,4,19–23] or rapid tempering [16]. The suppression of
Stage III prevents the formation of interlath cementite and enhances fracture toughness.

The addition of Si ≥ 1.5 wt.% to low-alloy steels shift the precipitation of cementite
to temperatures ≥ 470 ◦C, while the diffusivity of Si is sufficient for its depletion from
growing cementite particles to the ferritic matrix [19–24]. No boundary carbides precip-
itate in these steels up to ~450 ◦C; therefore, Stage I can take place up to relatively high
temperatures [1–3,19,21,24]. The contents of substitutional elements in transition carbides
and the martensitic matrix were nearly the same [19,24]. While the above studies highlight
the effect of the addition of Si on the precipitate characteristics and mechanical properties
of the steels after low-temperature tempering, the present study clarifies the concurrent
processes of microstructural evolution that occur in the Si-rich steel with the increasing
of the tempering temperature. Thus, the aim of the present study was to investigate the
tempering behavior of UHSS steel with 1.85 wt.% Si. In this paper, specific attention will
be paid to clarifying the role of Si in the overlap of the tempering stages and analysis of
precipitation sequences.
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2. Materials and Methods

The chemical composition of the experimental steel is listed in Table 1. The steel was
produced by air induction melting followed by electro-slag remelting. Next, the steel was
subjected to solution treatment at 1150 ◦C for 4 h, followed by forging at temperatures from
1150 to 950 ◦C into billets with dimensions of 60 × 150 × 450 mm3, with subsequent air
cooling. The samples with 3 mm thickness were machined from the billets and subjected to
austenitization at 900 ◦C for 5 min, followed by hot water quenching. Isochronal tempering
was carried out at 200, 280, 400, and 500 ◦C to reveal the microstructural changes and
mechanical response in detail.

Table 1. Chemical composition of the steel in wt.%.

Fe C Si Mn Cr N P S

Balance 0.33 1.85 1.44 0.58 0.0084 ≤0.01 ≤0.007

Hardness was measured using a Wolpert Wilson 600 MRD (Illinois ToolWorks Inc.,
Norwood, MA, USA) tester in accordance with ASTM E18 standard at room temperature.
Ten indentations were performed on each sample to ensure the data reliability. The standard
flat specimens with a gauge length of 35 mm and a cross-section of 7 × 3 mm2 were
machined by an electric discharge wire machine and then tensioned using an Instron
5882 testing machine (Illinois ToolWorks Inc., Norwood, MA, USA) at room temperature
and a constant loading rate of 1 mm/min in accordance with ASTM E08M-04 standard.
The elongation and reduction in cross section area of the specimens during tensile tests
were measured using non-contact digital image correlation (DIC) method. Standard CVN
specimens were tested at room temperature using the Instron SI-1M impact machine
with a maximum energy capacity of 450 J, equipped with the Instron Dynatup Impulse
data acquisition system (Instron corporation, Grove City, PA, USA) following the ASTM
E-23 standard.

The structural characterization was carried out using a Quanta 600 FEG scanning
electron microscope (SEM) (FEI Corporation, Hillsboro, OR, USA) equipped with an elec-
tron backscatter diffraction (EBSD) detector. The EBSD data were then analyzed using
TSL–OIM software (version 6.2, TexSEM Laboratories, Draper, UT, USA). The OIM im-
ages were subjected to a clean-up procedure, setting the minimal confidence index to 0.1.
The low- (LAB) and high-angle (HAB) boundaries were defined with misorientations of
2◦ ≤ θ < 15◦ and θ ≥ 15◦, respectively. The transmission electron microscopy (TEM) images
were recorded with a JEOL JEM-2100 (JEOL Ltd., Tokyo, Japan) microscope equipped with
an INCA energy dispersive X-ray spectrometer (EDS). The foils for TEM studies were
prepared by double-jet electro-polishing technique using a solution of 10% perchloric acid
in glacial acetic acid under a voltage of 21.0 V at an ambient temperature. The specimens
for SEM observations were mechanically polished and then electropolished using the same
electrolyte. The density of lattice dislocation, ρTEM, was estimated by counting individual
dislocations in the lath interiors on TEM micrographs [19]. In addition, the densities of
lattice dislocations were calculated from misorientation maps obtained by EBSD technique
using Kernel misorientation. The fracture surfaces of the tension and CVN specimens
were observed using the Quanta 600 FEG SEM. Other details of structural and mechanical
characterization were reported in previous works [19,24–26].

The volume fraction of RA was determined by magnetic saturation measurements
using a Fischer Feritscope FMP30 (Helmut Fischer Gmbh, Sindelfingen, Germany). Differ-
ential scanning calorimetry (DSC) was performed using a SDT Q600 (TA Instruments New
Castle, DE, USA) calorimeter. The mass of sample was 50 mg, and a protective atmosphere
of pure argon was used. The sample for DSC analysis was initially austenitized at a tem-
perature of 900 ◦C and finally water-quenched. The DSC measurements were performed
with a constant heating rate of 10 ◦C/min in the temperature range of 20–900 ◦C. The
dilatometric curve was obtained during cooling from 900 ◦C to room temperature at a
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cooling rate of 100 ◦C/s using Bahr DIL 805 dilatometer (TA Instruments New Castle, DE,
USA) on cylindrical samples with a 10 mm length and a 3 mm diameter.

3. Results

3.1. DSC Analysis, Dilatometry, Magnetic Saturation Measurements

The obtained DSC curve (Figure 1a) is typical for high-Si low-alloy steels [19,24]. Weak
exothermic peaks attributed to carbon clustering and precipitation of transition carbides
appear at ~71 ◦C and ~297 ◦C, respectively. The onset of the last exothermic reaction takes
place at ~200 ◦C and could also be attributed to decomposition of RA (Table 2) [19,24]. It
seems that Stage I overlaps with Stage II. The distinct exothermic peak associated with
the precipitation of cementite is observed at ~475 ◦C [19,22,24]. The data confirm that the
addition of 1.85 wt.% Si shifts the onset of cementite precipitation by ∆T~200K [1–3,19,24].
The DSC data show no evidence for the precipitation of other phases at temperatures of
200–474 ◦C. The AC1 and AC3 temperatures [1–3] were determined from the DSC curve
as 758 ◦C and 817 ◦C, respectively. Therefore, austenitizing at 900 ◦C provides a fully
austenitic structure before quenching.

∆

μ
μ
μ

μ

−

−

Figure 1. DSC curve (a) and dilatation curve (b).

Table 2. Microstructural parameters of the steel after quenching and tempering.

Tempering Temperature, ◦C/Structural
Characteristics

20 200 280 400 500

PAG size, µm 26.4 ± 3.3
Packet size, µm 2.8 ± 0.5 3.7 ± 0.6 3.1 ± 0.5 3 ± 0.5 4.2 ± 0.6

Block thickness, µm 0.6 ± 0.2 0.9 ± 0.2 0.7 ± 0.2 0.6 ± 0.2 1 ± 0.2
Mean spacing between HABs, µm 0.8 ± 1.1 1.2 ± 0.2 1.2 ± 0.2 1 ± 0.2 1.5 ± 0.2

Lath thickness, nm 175 ± 20 190 ± 15 205 ± 25 215 ± 20 230 ± 30

ρTEM, m−2 × 1014 2.7 ± 0.6 2.7 ± 0.7 2.6 ± 0.4 2.1 ± 0.5 2 ± 0.5

ρKAM, m−2 × 1014 10 7.8 8.6 7.2 7
Dimensions of carbide, nm * - 60/7 71/13 104/13 55/29

RA fraction, % 1.6 ± 0.1 1.6 ± 0.3 0.6 ± 0.5 0 0

* Numerator and denominator are the length and thickness, respectively, of transition carbides (200–400 ◦C) and
cementite (500 ◦C).

The martensite-start, MS, and martensite-finish, MF, temperatures were determined
from the dilatation curve (Figure 1b) as 325 ◦C and 104 ◦C, respectively. Despite the water
quenching producing a martensitic structure with a small fraction of RA, the dilatometric
data are correlated well with the change in the volume fraction of this phase measured
using the magnetic saturation method (Table 2).
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3.2. Microstructure and Carbides

Typical microstructures of the steel after water quenching are presented in Figure 2 and
the structural parameters are summarized in Table 2. It can be seen that the lath martensite
structure exhibits a typical three-level hierarchy in its morphology, i.e., PAGs, packets, and
blocks [27,28]. Film-like RA is observed at the lath and block boundaries (Figure 2d,e). PAGs
and packets exhibit round and rectangular shapes, respectively (Figure 2b,c). There are
two important features of the martensite lath structure. The first feature is a large fraction of
HABs (Table 2). The block boundaries are mainly HABs and the average distance between
these boundaries is relatively small. The distance between HABs is smaller than the packet
size by a factor of ~4 and is ~30% larger than the mean block width. The nanotwins [19]
are also observed within the laths in some packets. The second feature is the small lath
thickness. No carbides were found in the as-quenched condition of the steel.

 

Figure 2. SEM micrograph (a), misorientation maps (b,c) and TEM images (d,e) of the as-quenched

ρ

Figure 2. SEM micrograph (a), misorientation maps (b,c) and TEM images (d,e) of the as-quenched

steel and SEM micrograph after isochronal tempering at 280 ◦C (f).

It is known [10,19,28–30] that carbon atoms tend to be trapped in Cottrell atmospheres
by free lattice dislocations and interfacial dislocations composing lath boundaries. The
highest fraction of carbon segregates at the lath boundaries [10,19,28–32]. The density
of free dislocations, ρTEM, is presented in Table 2. The density of interfacial dislocations
composing lath boundaries could be calculated using the following equation for highly
elongated subgrains [33,34]:

ρlath =
3θlath

b · dlath
(1)

where θlath = 1.5◦ was taken from reference [35] as an average misorientation of lath
boundaries, b = 0.258 nm is the magnitude of the Burgers vector in ferrite, and dlath is the
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lath thickness taken from Table 2. The ρlath value of 1.8 × 1015 m−2 was calculated and this
value is higher than the density of free dislocations by a factor of ~7. These calculations
support the simplified model suggested in reference [28] based on the presumption that
almost all carbon atoms in martensite tend to segregate in the lath boundaries and the
lath thickness, dlath, has to ensure a complete carbon segregation in the lath boundaries to
minimize the strain energy produced by the lattice distortions around the carbon atoms.
The effective carbon content available for segregation in the lath boundaries could be
evaluated by the following relationship, that incorporates the mean lath thickness, dlath [28]:

lc =

√

dlath

dCottrell
b (2)

XLB = (
b

lc
)

3

(3)

where lC is the mean carbon spacing and dCottrell~7 nm is the thickness of a Cottrell
atmosphere [32]. XLB = 0.008, calculated from Equations (2) and (3), is the atomic fractions
of carbon within the lath boundaries, and XC = 0.0152 is the total carbon content in at.% in
the steel. The portion of carbon segregated in the lath boundaries in the form of Cottrell
atmospheres, VC

LB, can be calculated as:

VC
LB =

XLB

XC
(4)

The VC
LB = 53% value was obtained from Equation (4). Assuming the Cottrell atmo-

spheres evolve on free dislocations within laths, the total portion of carbon trapped in
Cottrell atmospheres will be 61% and carbon remnant is ~0.6 at.%. It is known [28,31] that
the carbon content in a martensitic matrix has to be <0.22 at.% and, therefore, the density of
the interfacial and free dislocations is not high enough to trap all the available carbon in the
Cottrell atmospheres. Furthermore, 0.38 at.% C may be trapped as segregations in HABs
and films of RA [29,36]. In general, the high density of dislocations and HABs provides a
number of sites which can trap the major portion of carbon atoms. It was suggested that
the carbon trapping at the defects may suppress or strongly retard the cementite formation
under tempering [10].

Tempering at temperatures of 200–400 ◦C leads to insignificant changes in the lath
thickness, the density of free dislocations, and the HAB spacing (Table 2). The precipitation
and coarsening of transition η-Fe2C carbides is observed (Figure 3a, Table 2). After temper-
ing at 200 ◦C, these particles exhibit a plate-like shape with a diameter-to-thickness aspect
ratio (AR) of ~9 and, therefore, diffusion-controlled lengthening can be considered as the
main coarsening mechanism [3]. In the temperature interval of 200–280 ◦C, the thickening
mechanism is operative and provides an increase in the thickness of η-Fe2C carbide plates
by a factor of ~2 and a decrease in AR to ~6 (Figure 3a,b, Table 2). The thickening of carbides
correlates with the decomposition of RA, resulting in the formation of coarse plates of the
η-Fe2C particles in bainitic ferrite (Figure 3b).

In the temperature range of 280–400 ◦C, the lengthening of transition carbides becomes
the single coarsening mechanism that leads to an increase in AR value up to ~8 (Figure 3c,
Table 2). The full decomposition of RA takes place after tempering at 400 ◦C. The η-Fe2C
carbides are detected in the lath interiors after tempering at 200–400 ◦C (Figure 3a–c
and Table 2). The diffraction spots represent the η-Fe2C carbide with orthorhombic lattice
characterized by lattice constants of a = 0.47 nm, b = 0.43 nm, and c = 0.28 nm [1,3,19,37–40].
The η-Fe2C carbide exhibits an orientation relationship of [100]α′‖[001]η(010)α′‖(110)η with

a martensitic matrix [19,39,40] and a habit plane close to {130}α′ [19,37]. EDS analysis
showed that the content of Si in η-Fe2C particles and a martensitic matrix (Figure 3b) is
nearly the same. Therefore, no diffusion partitioning of substitutional atoms between the
η-Fe2C carbide and martensitic matrix occurs during the nucleation and growth of the
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η-Fe2C. Stage I of tempering takes place at temperatures ranging from 200 to 400 ◦C. Stage
II takes place at temperatures of 280–400 ◦C. The main feature of Stage II in the present steel
is the suppression of cementite precipitation. No cementite was found in the as-quenched
condition and after tempering at 200–400 ◦C. It is known that the precipitation of cementite
during bainitic transformation can be suppressed by alloying the steel with ≥1.5 wt.% of
Si [41].

η
η

η[100]ఈᇱ‖[001]ఎ(010)ఈᇱ‖(110)ఎ
α η

η
η

≥

 

Figure 3. TEM observations after tempering at 200 °C (a), 280 °C (b), 400 °C (c), and 500 °C (d). 
Figure 3. TEM observations after tempering at 200 ◦C (a), 280 ◦C (b), 400 ◦C (c), and 500 ◦C (d).

A further increase in tempering temperature to 500 ◦C leads to the precipitation of
cementite particles with a round shape on the grain boundaries (Figure 3d). These carbides
have nanometer dimensions (Table 2) and often locate on lath boundaries (Figure 3d). The
precipitation of cementite is accompanied by the full dissolution of transition carbides
(Figure 3d). It is worth noting that no cementite particles with plate-like or lath shape
morphology [1–3] were found. Thus, at Stage III, the cementite can form spheroidized
particles in the grain boundary regions [2]. However, these cementite particles with round
shape are susceptible to Ostwald ripening [42] due to the dissolution of cementite with
a plate-like shape in the matrix [2]. No matrix cementite was observed in the steel at
any tempering condition and, therefore, this phase transformation could be interpreted in
terms of Stage IV [1,2,4,5]. At this tempering stage, the precipitation of the cementite on
the grain boundaries is followed by cementite coarsening and spheroidizing. The feature
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of the present steel is the concurrent occurrence of these processes at a relatively low
tempering temperature of 500 ◦C. As the cementite particles are mainly located at interlath
and block boundaries, the coarsening and spheroidizing may be promoted by pipe and
grain boundary diffusion [2,3].

Thus, the alloying of steel with 1.85 wt.% of Si expands Stage I up to T ≥ 400 ◦C,
deeply changing the Stage II and suppressing the Stage III. It is obvious that the addition of
1.85 wt.% of Si leads to a two-stage precipitation sequence during tempering:

Martensite → η-Fe2C → Fe3C. (5)

No overlap between the precipitation of the transition carbide and the cementite takes
place after isochronal tempering at T ≤ 400 ◦C. The full replacement of the transition
carbide particles, located in a low-carbon martensitic matrix, by boundary cementite is
observed after tempering at 500 ◦C.

3.3. Effect of Tempering on Mechanical Properties

The engineering stress–strain curves of the steel in the as-quenched condition and
after tempering are shown in Figure 4a; the hardness, yield strength (YS), ultimate tensile
strength (UTS), ductility, and the product of strength and elongation (PSE) are listed
in Table 3. The steel exhibits continuous yielding [1] despite the formation of Cottrell
atmospheres in the as-quenched condition. The effect of tempering temperature on the
strength and ductility is distinctly different in comparison with a plain carbon steel with
nearly the same carbon content [2] and low-alloy steels with low Si content [1,5]. YS
increases and ductility remains unchanged with increasing tempering temperature up to
a tempering temperature of 280 ◦C, whereas no remarkable increase in YS was observed
in plain carbon steel with ~0.3 wt.% C [2], and an increase in YS in AISI4340 steel was
observed after tempering at 200 ◦C [1,5]. The peak yield strength of 1430 MPa is attained
after tempering at 280 ◦C of the present steel, while the highest YS value of about 1240 MPa
was observed in a 0.22 wt.% C steel with 0.4 wt.% Si tempered at 200 ◦C [43]. Therefore,
alloying the steel with 1.85 wt.% Si shifts the tempering temperature corresponding to
the highest YS to about 280 ◦C, which correlates with the formation of dense transition
carbides. The strain hardening tends to decrease with increasing tempering temperature in
this temperature interval and the Considère condition [3]

dσ

dε
= σ (6)

shifts to small strains (Figure 4b). As a result, UTS tends to decrease with increasing
temperature of tempering despite an increase in YS. However, an increasing tempering
temperature from 200 ◦C to 280 ◦C enhances the non-uniform elongation after reaching the
Considère criterion, and no effect of tempering temperature on the elongation-to-failure
takes place despite a remarkable decrease in the uniform elongation (Table 3).

Table 3. Effect of tempering on mechanical properties.

Tempering
Temperature, ◦C

YS,
MPa

UTS,
MPa

Elongation-to-
Failure, %

PSE,
GPa·%

Uniform
Elongation, %

HRC

20 1230 1850 5.6 10.4 5.1 54
200 1210 1670 5.9 9.7 5.6 50
280 1430 1710 6.3 10.6 2.7 50
400 1380 1590 7.0 10.9 2.4 48
500 1130 1230 9.0 10.9 4.0 41

The ductility increases and the strength decreases gradually with an increase in tem-
pering temperature. Similar changes in mechanical properties were observed in plain
carbon and low-alloy steels with nearly the same carbon content [1,2,5]. The value of PSE
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is almost independent of tempering temperature. It is worth noting that ductility tends
to increase after tempering at temperatures above 280 ◦C and, therefore, no tempered
martensite embrittlement appears.

 

σ

2)(
η

η

Figure 4. Engineering stress–strain curves (a) and strain hardening vs. strain curves (b).

The Charpy V-notch (CVN) impact energy generally increases with an increase in
tempering temperature (Table 4). A decrease in the CVN energy at a tempering temperature
of 400 ◦C is insignificant. Therefore, an addition of 1.85 wt.% of Si provides insignificant em-
brittlement of tempered martensite [9,19]. The load-deflection curves exhibit the maximum
load, PM, point, only (Figure 5a, Table 4) among the four characteristic points [19,24,44].
No evidence for the general yield load, the fast fracture load, and the fracture arrest
load [19,24,44–46] could be found. In addition, no sharp decrease in the load was found
during tests and, therefore, the crack propagation energy significantly contributes to the
overall impact energy (Table 4).

Table 4. The CVN impact energy, the maximum load, PM, the dynamic ultimate tensile strength,

DUTS, the ductile fracture initiation energy, Ei, the fracture propagation energy, Ep, and the total

fracture energy, E, calculated from CVN load–deflection curves.

Tempering
Temperature, ◦C

CVN,
J/cm2

PM,
kN

DUTS,
MPa

Ei,
J

Ep,
J

E,
J

20 13 17.8 700 5.3 4.7 10
200 15 18.4 720 6.7 5.6 12.3
280 19 28.3 1120 8.8 6.6 15.4
400 17 24.7 970 7.7 5.7 13.4
500 32 31.5 1240 16.2 9.1 25

The CVN impact energy correlates with the PM value and, therefore, tempering affects
the dynamic ultimate tensile strength (DUTS), σUTSd, at which the onset of fast crack
propagation takes place [19,24,44]. The DUTS values were calculated using the following
relationship [19,24,44]:

σUTSd =
ηPmPMW

(W − a)2B
(7)

where W is the specimen width (=10 mm); B is the specimen thickness (=10 mm); a is
the notch depth (=2 mm); and the constraint factor at maximum force of ηPm = 2.531 was
taken for low alloy steels [19]. The DUTS values are presented in Table 4. It can be seen
that tempering at a temperature of 280 ◦C provides a 60% increase in DUTS that clearly
correlates with an increase in the ductile fracture initiation energy, Ei. In addition, the
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increased DUTS value provides a 41% increase in the fracture propagation energy, Ep. It can
be seen (Figure 5b, Tables 3 and 4) that DUTS < YS after low-temperature tempering and
that the transition to brittle cleavage fracture occurs at stress smaller than YS. Therefore,
low-temperature tempering increases fracture stress for brittle fracture, as expressed by the
following relationship [47–49]:

σF = 1.41

√

2Eγs

π(1 − υ2)
de f f

−1/2 (8)

where E = 212 GPa is the Young’s modulus, γs is the surface energy of the cleavage plane
for martensitic structure, υ = 0.293 is the Poisson’s ratio, and de f f is the effective grain size
for fracture. In general, HAB with large misorientations from {001}α cleavage planes are
effective for retarding the cleavage fracture in steels with lath martensitic structure and
the distance between these boundaries could be considered as the effective grain size for
fracture [47–49]. Thus, the increased fracture toughness of the low-temperature tempered
steel is associated with the high brittle fracture stress.

2/1
2)1(

241.1

γ
υ 𝑑

α

 

α

Figure 5. Load–deflection curves (a) and ratio of DUTS/UTS (b).

Tempering at 400 ◦C decreases DUTS insignificantly (Figure 5b, Table 4). After temper-
ing at 500 ◦C, the DUTS and YS values become almost the same (Figure 5b, Tables 3 and 4).
The onset of the fast crack propagation takes place at a stress sufficient for both plastic
deformation in the vicinity of the crack tip and cleavage along {001}α planes. This material
condition is characterized by the highest fracture toughness associated with both increased
brittle fracture stress and lowered effective YS [49].

3.4. Fractography

Three typical zones, i.e., initiation zone (IZ), fast crack propagation/fibrous zone
(FCPZ), and shear-lip zone (SLZ), could be recognized on the fracture surface of CVN
specimens (Figure 6c) [46,50]. The effect of tempering on the area fractions of these zones is
summarized in Table 5. The fractography of the CVN specimens is presented in Figure 6.
The dimple fracture is observed in IZ after quenching (Figure 6a1). Fine and shallow dim-
ples are observed. The quasi-cleavage fracture [1,19,24,51] takes place in FCPZ (Figure 6a2).
The cleavage propagates into the matrix across “weak” and “strong” boundaries. All
boundaries of PAGs and major portion of packet boundaries play the role of obstacles
for cleavage propagation. The cleavage penetrates a major portion of block boundaries
and even some packet boundaries. The area fraction of FCPZ is the highest. The arrest of
crack propagation is observed at some block boundaries. In coarse packets, the cleavage is
transmitted to parallel {001}α planes in adjacent blocks while the tear ridges are observed
at some block boundaries and, therefore, the transmission of the cleavage crack to other
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{001}α cleavage planes occurs. SLZ is observed at bottom and lateral surfaces of the CVN
specimens and is characterized by ductile fracture with shallow dimples (Figure 6a3). This
was considered as the main feature of Si-rich low-alloy steels [19,24]. The mechanisms of
dimple fracture in IZ and SLZ are essentially the same.

 

Figure 6. Low-magnification general view (a–e) and high-magnification fractographs of IZ (a1–e1), 

α

Figure 6. Low-magnification general view (a–e) and high-magnification fractographs of IZ (a1–e1),

FCPZ (a2–e2), and SLZ (a3–e3) of the fracture surface in the CVN specimens in as-quenched condition

(a–a3); tempering at 200 ◦C (b–b3); 280 ◦C (c–c3); 400 ◦C (d–d3); and 500 ◦C (e–e3).

Table 5. Effect of tempering on the area fractions of the initiation zone (IZ), the fast crack propaga-

tion/fibrous zone (FCPZ), and the shear-lip zone (SLZ).

Tempering Temperature, ◦C IZ FCPZ SLZ

20 2 92 6

200 1 95 4

280 2 78 20

400 2 94 4

500 3 75 22
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After tempering at 200 ◦C, the deep and fine dimples are observed in IZ (Figure 6b1).
The major portion of block boundaries acts as obstacles for cleavage propagation in FCPZ
(Figure 6b2). The refinement of effective grain size for brittle fracture takes place. The
shallow and fine dimples are observed in SLZ (Figure 6b3). Tempering at 280 ◦C increases
the depth of dimples in IZ (Figure 6c1). Very fine dimples appear at tear ridges in FCPZ
(Figure 6b2). Only a minor portion of block boundaries serve as obstacles for cleavage
propagation. The boundaries of PAG, packets, and some blocks play the role of obstacles
for cleavage propagation in the same manner. Deep dimples appear in SLZ (Figure 6c3).
The area fraction of SLZ increases. Thus, tempering at 280 ◦C promotes the ductile fracture
and increases the brittle fracture stress, owing to the refinement of the effective grain size,
de f f , and increases the surface energy of cleavage plane, γs.

Tempering at 400 ◦C decreases the area fraction of IZ and SLZ (Figure 6d). The depth
of dimples in IZ (Figure 6d1) is higher than that in SLZ (Figure 6d3). The number of dimples
on tear ridges in FCPZ decreases (Figure 6d2). The effective grain size for brittle fracture
remains almost unchanged while, in the coarse packets, the cleavage penetrates almost
all block boundaries. The area fractions of the three characteristic zones after tempering
at temperatures of 200 ◦C and 400 ◦C are nearly the same. After tempering at 500 ◦C,
a decohesion along carbide/ferrite interfaces [51] is observed in IZ (Figure 6e1). Block
boundaries play the role of obstacles for crack propagation in a major portion of packets in
FCPZ (Figure 6e2). The area of dimples on tear ridges is small, and the portion of these
areas in SLZ is large (Figure 6e3). However, the quasi-brittle fracture dominates in SLZ. The
blocks play the role of effective grain size for brittle fracture in SLZ (Figure 6e3). Increasing
the tempering temperature from 400 ◦C to 500 ◦C increases the fraction of SLZ by a factor
of ~5. It is worth noting that the transgranular fracture is the main fracture mechanism
for all steel conditions. The intergranular fracture is rarely observed after tempering at
temperatures of 280–500 ◦C. No intergranular fracture along a structural element as a unit
was found.

4. Discussion

4.1. Precipitated Carbides and Tempering Stages

It is known that the difference in diffusivity of interstitial and substitutional alloying
elements in α-iron may reach ten orders of magnitude [1–3]. Two different conditions for
the partitioning of these two types of elements are distinguished [2,13,23].

The first condition is termed as orthoequilibrium (OE). In this condition, the overall
kinetics of precipitation and growth of carbides is governed by the slowest diffusing species,
i.e., the rate of precipitation and growth of carbides is controlled by the diffusion of substi-
tutional atoms, such as Si, Mn, and Cr in the present steel. The chemical composition of a
carbide approaches the equilibrium one. The chemical compositions of martensitic/ferritic
matrix and the carbides are distinctly different.

The second condition is termed as paraequilibrium (PA) [13,23]. In this condition,
the overall kinetics of carbide precipitation and growth is controlled by the fastest diffus-
ing species, such as C in the present steel. The diffusivity of carbon is high enough and
this interstitial element redistributes until its content attains equilibrium in both marten-
site/ferrite and carbides. No partitioning of Si, Mn, and Cr between the martensite/ferrite
and carbides occurs, and a growing carbide inherits the substitutional alloy contents. Thus,
the contents of the substitutional elements in the martensitic/ferritic matrix and carbide
are nearly the same.

The experimental data show that alloying the steel with 1.85 wt.% of Si significantly
suppresses the OE precipitation and growth of cementite at tempering temperatures be-
low 400 ◦C, thus modifying the tempering behavior of the steel. Increasing Si content in
cementite remarkably increases the formation energy of this phase [20]. A negligible solu-
bility of Si in cementite is associated with this fact [2,20]. It is apparent that Si ≥ 1.5 wt.%
increases the formation energy of cementite and it becomes thermodynamically unsta-
ble [20]. The precipitation of cementite in the steels alloyed with Si ≥ 1.5 wt.% is only
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possible in the OE condition, which shifts the precipitation of cementite to temperatures
above 475 ◦C. OE cementite contains no Si (Figure 7a). In contrast, Cr has a strong affinity
for carbon and the formation energy of cementite decreases significantly with increasing
the Cr content [20], which may partially compensate for the positive effect of Si on the
formation energy. The experimental observation confirms that cementite is enriched by Cr
and Mn (Figures 3d and 7b), which correlates with the data reported in reference [21] and
the thermodynamic calculations in Thermo-Calc with TCFE-7 steel database (Thermo-Calc
software, Stockholm, Sweden), which predicts an equilibrium content of Cr and Mn equal
to 10.0 at.% and 16.8 at.%, respectively. Increasing Mn content in cementite decreases its
formation energy [20].

≥

≥

 

η

Figure 7. Schematic profiles of substitutional elements as Si (a,d), Mn (b), and Cr (c) across the trans-

forming interface associated with (a–c) OE and (d) PE carbide precipitation. The X-axis represents

distance and the Y-axis represents concentration. The cementite and η-Fe2C transition carbide are the

growing phases for OE and PE conditions, respectively.

In the present steel, the precipitation and growth of transition carbide occur in the PE
condition (Figure 7d), which highly modifies the precipitation sequence. Table 6 gives a
summary of the carbide precipitation within certain temperature ranges [19,24], and pro-
vides details of other microstructural changes in steels with Si ≥ 1.5 wt.% and Cr ≤ 0.8 wt.%.
Any overlap of Stage I and Stage IV was not observed because of the aforementioned huge
difference in diffusivity of the interstitial and substation elements.

In the present study, we did not obtain data on the carbon content in RA. However,
it is known that the enrichment of RA by carbon takes place in 300M steel during low-
temperature tempering [8,18]. Carbon partitioning between lath martensite structure
and RA was found in a similar low-alloy steel with 0.53 wt.% C and 1.6 wt.% Si [52].
Tempering at temperatures of 200, 280, 400, and 500 ◦C provides carbon content in RA
of 0.8; 1.3, 1.36, and 0.77 wt.%, respectively [52]. The volume fraction of RA in that
steel in its as-quenched condition is higher by a factor of ~10 than that in the present
steel. The MS temperature attains 0 ◦C at a carbon enrichment of RA ≥ 1 wt.% and,
therefore, bainitic transformation becomes a single mechanism for decomposition of RA at
tempering temperatures of 280–400 ◦C [52]. We may anticipate the same effect of tempering
temperature on the stability of RA and the mechanisms of its decomposition in the present
steel (Table 6). This assumption is supported by the TEM observation of transition carbides
with increased dimensions near various boundaries (Figure 3b,c).

It is known [13,53] that the carbon partitioning from a martensitic matrix to RA, in the
interval of low-temperature tempering, is considered on the basis of constrained PE (CPE)
condition, assuming that the carbide precipitation in martensite and the decomposition of
austenite to bainite are totally suppressed. The data of the present study indicate that this
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approach is oversimplified since the processes of the precipitation of transition carbides in
martensite, the carbon enrichment of RA, and the decomposition of RA to bainitic ferrite
and transition carbides are overlapped. The highest possible carbon enrichment of RA is
governed by PE between transition carbide and austenite. The aforementioned increase in
carbon content in RA, with increasing tempering temperature from 280 to 400 ◦C in the
steel with 0.53 wt.% C, supports this assumption [52]. The precipitation of cementite is
essential for carbon diffusion from RA since the equilibrium cementite solvus for austenite
locates at lower carbon concentration than the metastable solvus of transition carbides [3].
Thus, the suppression of cementite precipitation is a prerequisite condition for the carbon
enrichment of RA.

Table 6. Transformations occurring during tempering of lath martensite in low-alloy and medium-

carbon steels with Si ≥ 1.5 wt.% and Cr ≤ 0.8 wt.%.

Tempering
Temperatures, ◦C

Tempering
Stages

Transformation Remarks

<200 - Carbon clustering -

200–400 I
Precipitation of transition

carbides in martensitic
matrix

Transition carbides are
η-Fe2C

280–400 II

Decomposition of RA
occurs through bainitic

transformation and results
in precipitation of
transition carbides

The carbon enrichment of RA
occurs. Dimensions of

transition carbides
precipitated during bainitic

transformation of RA are
higher than those

precipitated from martensite

>400 IV
Precipitation, coarsening,

and spheroidizing of
cementite

Cementite form chains along
lath, block, packet, and PAG

boundaries

4.2. Mechanical Properties and Tempering Stages

Stage I of tempering provides a concurrent increase in YS and fracture toughness,
while ductility remains unchanged and UTS slightly decreases. An increase in YS is
attributed to the dispersion strengthening associated with the precipitation of nanosized
transition carbides. An increase in the fracture toughness associated with the increased
σF value could be attributed to two factors. The first, the γs value, may increase due to
the depletion of carbon from a martensitic matrix, owing to the precipitation of transition
carbides [47–49]. It is apparent that the depletion of carbon from Cottrell atmospheres and
boundary segregations has no effect on the surface energy of {100}α cleavage planes, and
that the γs value is controlled by carbon content in bcc lattice [19,24,31]. The second, the
effective grain size, decreases due to the transition from the Bain unit size to block size [54].
We suggest a single reason for this transition in the present steel after low-temperature
tempering. It is known that film-like RA has a crack blunting effect that increases the
CVN impact energy [43]. The data of the present study unambiguously establish that
only film-like RA, enriched by carbon and located on block boundaries, play the role of an
obstacle for crack propagation. Despite the low volume fraction of RA in the studied steel,
the preferable location of thin films of this phase along the grain boundaries may impede
the crack propagation effectively. The superposition of these two factors is responsible for
the increased fracture toughness after Stage I.

It is worth noting that the precipitation of η-Fe2C transition carbide facilitates crack
propagation due to void formation at its interfaces [55]. However, an increase in the γs

value and a decrease in the effective grain size compensate for this effect. An increase
in the effective stress for the brittle fracture increases the contribution of ductile fracture
associated with IZ, SLZ, and the energy of the crack propagation in FCPZ that enhances
the fracture toughness, whereas the gradual decrease in UTS and YS, with increasing the
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tempering temperature above 280 ◦C, is mainly associated with a progressive decrease in
the dislocation strengthening.

At Stage IV, the dissolution of the matrix transition carbides decreases the contribu-
tion of dispersion strengthening, leading to a decrease in the YS and UTS values. The
precipitation hardening from boundary cementite particles is significantly counteracted
by a decrease in the dislocation hardening. The fracture toughness and ductility are sig-
nificantly higher than those at Stage I, due to higher DUTS and increased crack initiation
and crack propagation energies. However, the contribution of ductile fracture to overall
fracture process is even lower than that after tempering at 280 ◦C, despite DUTS/UTS = 1
(Figure 5b). This fact is attributed to decohesion along the carbide/ferrite interfaces. The
main reason for increased fracture toughness could be a significant increase in the γs value
and, therefore, the effective fracture stress due to the full decomposition of martensite
that increases the crack propagation energy. The boundary cementite slightly facilitates
intergranular fracture, but transgranular fracture remains dominant. No embrittling agents
are present in Si-rich steel with a small content of phosphorus and an average distance
between HABs of ~1.5 µm. The obtained results indicate that alloying with Si is suitable for
achieving good mechanical properties in low-alloyed steels subjected to low-temperature
tempering that are widely used in construction, transportation, and agriculture machineries.
Nevertheless, the effect of Si and C content on the stabilization of RA and the kinetics
of carbide precipitation deserve further clarification to optimize the strength–toughness
combination.

5. Conclusions

1. Alloying steel with ≥1.5 wt.% of Si suppresses the precipitation of paraequilibrium
cementite. Only orthoequilibrium cementite may precipitate and grow in this steel, which
decreases the number of tempering stages and eliminates the overlap between the pre-
cipitation of transition carbides and cementite. Stage III does not take place if cementite
may precipitate due to the partitioning of substitutional atoms. Stage I, associated with the
precipitation of transition carbides, expands to T ≥ 400 ◦C, followed by Stage IV, which is
associated with the precipitation of cementite. Stage II is associated with the decomposition
of retained austenite to bainitic ferrite and transition carbides. The overlap of Stages I and
II has no significant effect on the dispersion of carbides.

2. The precipitation of transition carbides increases the yield stress and fracture
toughness. The elongation-to-failure remains almost unchanged and ultimate tensile
strength decreases at Stage I. The precipitation of cementite decreases the strength and
increases the ductility and fracture toughness. The elimination of Stage III suppresses or
decreases the tempered martensite embrittlement.

3. The processes of the precipitation of transition carbides and the carbon enrichment
of retained austenite occur concurrently. Si addition is ineffective in the suppression
of the precipitation and growth of transition carbides since these processes occur in a
paraequilibrium manner. The precipitation of cementite prevents the carbon enrichment of
retained austenite.

4. The block size may play a role in the effective grain size for brittle fracture if
carbon-enriched film-like retained austenite is located at the block boundaries.
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